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Abstract

Magnetoelastic Properties of Cobalt-Nickel Thin Films

by

Abraham Anapolsky

Doctor of Philosophy in Engineering-Materials Science and Mineral Engineering

University of California, Berkeley

Professor Oscar D. Dubon, Chair

Cobalt-nickel alloys show large values of magnetostriction, magnetocrys-

talline anisotropy, and a martensitic phase transformation at temperatures

around 0 K. Collectively, these properties make Co-Ni alloys good can-

didates for the so-called giant magnetostrictive effect. Magnetostrictive

(and giant magnetostrictive) alloys can be used to replace complex ma-

chinery (such as actuators) in micro-electromechanical systems (MEMS).

For this reason, researchers have been investigating the magnetostrictive

properties of thin films.

I grew and characterized films in the composition range Co: 10 wt% Ni

to Co: 35 wt% Ni. Films were grown by electron beam evaporation and a

variety of techniques including SEM, TEM, x-ray diffraction, and SQUID

magnetometry were used to characterize the films.

A thorough background in elastic and non-elastic mechanisms of deforma-

tion (in relation to magnetostriction) is discussed. These topics include a

semi-classical treatment of magnetoelasticity, superelasticity, and marten-

sitic transformations.

An important result of this thesis is the complete magnetic and phys-

ical characterization for the entire range of Co-Ni thin films that un-

dergo martensitic transformation. Extensive analysis of morphology, mi-
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crostructure, phase, and magnetic data, developed a consistent picture

of Co-Ni polycrystalline thin films in the composition range mentioned

above.

Another important result was the development of a novel technique for

measuring the value of the magnetostriction coefficient in thin films .

The in-plane component of magnetostriction (λip
s ) is determined by fitting

a theoretical model (based on the Stoner-Wohlforth theory for uniaxial

systems) to magnetization vs temperature (M vs T) data for cobalt-nickel

thin films. My theoretical model predicts the effect of an imposed stress

(or strain) on the in-plane component of saturation magnetization (M ip
s ).

The imposed stress (or strain) is due to a mismatch in the coefficient of

thermal expansion between the film and substrate. The fit is accomplished

by using λip
s as a fitting parameter. M vs T experiments were carried out

on a variety of polycrystalline Co-Ni thin films grown on silicon oxide and

silicon nitride.
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Chapter 1

Introduction

In the 1970’s research was done on using cobalt-nickel alloys for magnetic transducers

[1, 2]. Co-Ni alloys were investigated because they exhibited large magnetocrystalline

anisotropy which is a strong indicator of large magnetostriction. Magnetostrictive

strains up to 10−4 were measured [1]. The intended application of these materials

was as acoustic transducers for sonar and for ultrasonic transducers.

Recent developments in micro electromechanical systems (MEMS) [3, 4] combined

with the discovery of so-called ferromagnetic shape memory alloys [5] highlight the

need to investigate the phenomenon of giant magnetostriction in thin films. However,

very few studies have been performed. The reason MEMS lend themselves to study-

ing novel thin film magnetostrictive materials from a materials science standpoint is

twofold:

1. Magnetostrictive transducers have several advantages over current MEMS trans-

ducers. Magnetostrictive transducers have no moving parts; they can be made

of tough, metallic materials (as opposed to polysilicon); and they can be actu-

ated remotely–that is, by an external field. This last point is important because

it means that a MEMS actuator need not have an independent power source or

be hard wired to an external power source.
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2. Current MEMS research has focused on the mechanical and electrical engineer-

ing properties of the systems. While this is important in terms of device devel-

opment, application of materials science principles can help to greatly expand

the potential and application of MEMS technology. Magnetism and magnetic

materials, in particular, lend themselves to the materials science approach.

1.1 magnetostriction and applications of magne-

tostrictive materials

Magnetostriction is a phenomenon in which a change in the state of magnetization of

a sample is correlated with a change in shape. For isotropic materials the parameter

characterizing the strain is λs, which is the measured linear strain in a material that

has reached its saturation value of magnetization, Ms. Ordinary magnetostriction is

characterized by strains ∼ 10−6 and elastic displacements [6]. Giant magnetostriction

(GM) is characterized by large strains ∼ 10−3 − 10−2 and non-elastic1 phenomenon.

Three main uses of magnetostrictive materials are 1)as transducers in both ultra-

sonic and sonar devices 2) in actuators for example, in hard drive read/write arms

and 3) as acoustic wave resonators, for example, anti-theft tags. Table 1.1 gives a

comparison of various magnetostrictive materials. A recent article by Szymczak [8]

summarizes the current state of magnetostrictive materials and applications.

1.2 possible mechanisms of giant magnetostriction

Two important theories to account for GM, which have been investigated in bulk

materials, are martensitic phase transformation (induced by an applied magnetic

field) and reversible twin boundary motion.

1An exception is the rare earth-iron alloys (such as Fe-Tb), λs ∼ 10−3 which have a proposed
elastic mechanism [7]
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Material λs (at Ms) E (GPa) Comments
Fe-Te (+rare earth) 10−3 (10 kOe) 25-35 Already in commercial use.

Brittle and expensive
Fe-Ni 10−5 (1 kOe) 200 Inexpensive

Ni-Mn-Ga 10−2 (10 kOe) na Brittle, low operating temp.

Ni-Co 10−3 (20 kOe)a 200 Tough, corrosion resistant.

Table 1.1: Selected magnetostrictive materials. λs is the value of max-
imum strain when the materials is fully magnetized (saturation).

asingle crystal, [001] oriented, at 175 K

1.2.1 reversible martensitic transformations

A martensitic transformation is a first order phase transformation, in the solid state,

between two phases with similar crystal structures. This transformation is diffusion-

less and is said to be accomplished by a ’shear-like’ mechanism. There are many

excellent books and review articles written on martensitic transformations. Zenner

[9] models how an application of a magnetic field to a ferromagnetic material can

induce a martensitic transformation by a change in the free energy of the material.

James and Hane [10] discuss the necessary conditions for this process in thin films.

For practical applications it is important to have a reversible martensitic trans-

formation [11]. In this context, reversible means that the amount of material that is

transformed from the parent phase (called austenite) to the daughter phase (marten-

site ) is completely transformed back to austenite upon reversal of the driving force.

For example, a material begins (upon cooling) to transform to the martensite

phase at a temperature MS and finishes at a temperature MF < MS. This trans-

formation would be perfectly reversible if upon heating the material above MS the

entire sample reverts back to the austenite phase.

Reversibility can also be accompanied by microstructural and gross shape (in one

or both phases) recovery. This phenomenon is give the name ’shape memory effect’

(SME).
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1.2.2 reversible twin boundary motion (RTBM)

Twin boundary motion as a result of an applied stress is fairly well know to metal-

lurgists. The specific case of a reversible deformation accompanied by twin boundary

motion is known as pseudoelasticity2 a term put forth by Christian [14]. The theory

of twin boundary motion was developed by considering the effect of an external (ap-

plied) stress, and Christian proposed the following as the most probable explanation

for reversibility in twin deformation: The twin that is converted into a more favorable

variant does not completely vanish. Some part of it is retained (as a dislocation or

small nucleus) and this defect provides a sufficient amount of elastic energy for the

sample to reconfigure itself in the original twin configuration, which is the lowest

energy configuration in the absence of external stress.

An awareness of pseudoelasticity is important in the case of large magnetoelastic

effects because many authors have proposed replacing the external stress with a mag-

netoelastic stress (as the driving force). An alternate theory [15, 16] proposes that

the driving force has to do with the alignment of favorable magnetic domains with

the favorable twin domains.

In any case, the phenomenon has been reported on in numerous systems such as

Ni-Mn-Ga [17, 18, 15] and Fe-Pt-Pd [19, 20]; and it is likely that some combination

of the proposed effects are at work in systems displaying GM.

Only materials that undergo a martensitic transformation display pseudoelastic-

ity and giant magnetostriction. In general, materials that undergo large reversible

deformations are characterized as shape memory alloys (alloys displaying the SME).

Ferromagnetic materials that undergo both the martensitic transformation and GM

are called ferromagnetic shape memory alloys (FSMA). This topic will be discussed

more thoroughly in chapter two.

2some authors refer to this as ’rubber like behavior (RLB) [12, 13]
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1.3 Co-Ni alloys as a model system for GM

It can be shown that large magnetocrystalline anisotropy is one of the prime indi-

cators of GM [21]. Therefore one would expect GM (by the phenomenon mentioned

previously) to occur in materials that have large magnetocrystalline anisotropy and

display the martensitic transformation. Further, for practical considerations it would

be advantageous to have a material that is easy to prepare, has moderate transforma-

tion temperatures (∼300K)3, and good mechanical properties. Co-Ni alloys represent

such a system. They have excellent mechanical properties, high anisotropy, and for

compositions in the range of Co: 33 wt% Ni, martensitic transformation temperatures

around room temperature.

Recent experiments done on bulk Co-Ni [22] have shown such alloys to have a

reversible magnetostriction of ∼0.01 at applied fields of ∼1 T. However, the marten-

sitic transformation temperature is reported to be 170 K. This value of Ms does not

agree with values found in the literature and is much to low for practical uses of

this material. GM has also been reported in Ni-Al-Co alloys [23], which have a more

complex transformation path and microstructure than Co-Ni but have less desirable

mechanical properties. Even though favorable values of GM in Co-Ni alloys have

been reported, a strong argument for a particular mechanism has not been proposed.

Thus, much work remains to be done on this material.

Observing the phenomenon of giant magnetostriction in a relatively simple alloy

will help towards a fundamental understanding of the mechanisms of GM in thin

films. This is the objective of current investigations, which will proceed along two

paths. First, a range of Co-Ni alloys will be chosen, and thin films will be prepared

by evaporation in a UHV chamber.

Various deposition methods will be employed such as co-deposition, multi-layer/annealing,

3To take advantage of a reversible martensitic transformation the material should have MS around
room temperature for, but for RTBM, MS should be high enough that the material is in the twinned
microstructure at RT.
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and congruent evaporation from alloy sources. These techniques will be used to con-

trol composition and film microstructure.

Second, after suitable characterization of composition and structure, direct mea-

surement of magnetostrictive properties will be performed. These experiments intend

to document phase transformation, microstructural change, and strain-temperature-

magnetization behaviors.
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Chapter 2

Background

At this point it is important to bring up the main idea behind this thesis, namely,

to measure and predict the shape change (expressed as a strain) in Co-Ni thin films

resulting from the application of a magnetic field. I will adopt the term ”magnetostric-

tion” to cover all aspects of shape change induced by a magnetic field. Whether these

concepts be conventional magnetostriction, or derivatives of the body stresses and

changes in free energy that have been attributed to magnetostriction, will be stated

explicitly.

In order to describe the complete phenomenon of magnetostriction in thin film

Ni-Co alloys, the following topics must be described and integrated with physical

data on the Ni-Co system:

• Ordinary magnetostriction (magnetoelasticity)

• Non-elastic mechanisms of magnetostriction

The first subject is fairly well understood by existing theories of magnetism and

elasticity, and thus a review of magnetoelasticity will be geared towards the system

(cubic, ferromagnetic) at hand. The second subject is less familiar and warrants a

few introductory comments.
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Non-elastic mechanisms of magnetostriction have to do with the coupling of mag-

netostrictive stresses and magnetic energy with behavior such as dislocation motion

and phase transformation. In chapter three, the numerical values of magnetostriction

(from various sources) for the Co-Ni system will be calculated.

2.1 ordinary magnetostriction

Conventional magnetostriction is defined as an elastic response to a change in mag-

netization. This is a very broad definition, and it covers magnetoelastic coupling in

all materials. For purposes of this thesis, I will limit the foregoing discussion to ferro-

magnetic materials, although the basic arguments describing Joule magnetostriction

apply to all materials.

2.1.1 Joule (isotropic) magnetostriction

Magnetostriction was first observed in isotropic1 materials, and it was found that the

amount of strain, ∂l
l
, could be closely predicted by

∂l

l
=

3

2
λs(cos2 θ − 1

3
) (2.1)

where λs is the magnetostriction when the material has reached a saturation value

of magnetization and is a materials constant, and θ is the angle between the direction

the strain is measured in and the direction of magnetization ~M , (figure 2.1). In the

following sections this relation will be derived from first principles by considering the

contributions of magnetization and strain to the free energy.

The problem with describing magnetostriction lies in finding a mechanism that

relates strain to magnetization. I will try to describe the microscopic causes of mag-

1polycrystalline materials that can be treated as approximately isotropic for certain magnetostric-
tive measurements
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demagnetized state magnetized state

~Happl 6= 0

~Happl = 0

~M 6= 0

~M = 0

θ

Figure 2.1: Illustration of Joule magnetostriction. Strain is measured parallel to the
applied field, ~H, relative to the macroscopic magnetic moment (or magnetization), ~M
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L ∆L

H

Figure 2.2: Top view shows a collection of magnetic atoms in an unmagnetized state.
At bottom, the atoms have a net magnetization. The magnetization can arise spon-
taneously (as in a material cooled below Tc) or be induced by an applied field

netostriction conceptually and save the calculations for describing the macroscopic

phenomenon. Cullity [6] provides an intuitive description that nicely illustrates the

basic concepts. Figure 2.2 depicts an arrangement of atomic magnetic moments with

no net magnetization (top) and in a magnetized state (bottom). The two important

ideas here are that the atoms are not spherically symmetric and the direction of the

magnetic moment is coupled with the orientation of the atom; this results in a change

in length, ∆L, of the assembly of atoms.

Figure 2.3 shows the magnetostrictive behavior of a typical ferromagnetic material

as a function of magnetization. In this example a domain process of magnetization

is assumed. Thus, the portion marked as forced magnetostriction refers to a small

increase in strain due to dipole rotation after favorable magnetic domains have ceased

to grow. In general, more emphasis is placed on understanding the saturation value of

magnetostriction than on understanding the functional dependence on magnetization.
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The reason for this is primarily based on the fact that most materials used in

magnetostriction applications achieve saturation at relatively low fields. In addition,

the path to magnetic saturation is not unique and can be changed by materials

processing or changes in sample shape and orientation. Thus, there may be several

distinct relationships between ~M and λ( ~M) but the magnetostrictive constants are

material and symmetry dependent.

sλ forced
magnetostriction

λ

H

technical saturation

Figure 2.3: Magnetostriction as a function of applied field for a typical ferromagnetic
material.

In general, the degree of magnetostrictive strain is correlated with the process

of magnetization, and therefore the state of strain can vary widely. However, the

important thing to note is the fact that at saturation, the magnetostrictive stress

asymptotically approaches a theoretically predictable value.

2.1.2 magnetoelasticity theory

Now that the concept of magnetostriction has been introduced, we have to examine

the underlying microscopic process and apply the resulting theory to ideal (for now)

materials–in particular, the cubic and hexagonal systems.
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Figure 2.4 schematically illustrates the atomistic process that leads to magne-

tostriction. As the direction of the magnetization is rotated, the moment associated

with a magnetic orbital is also rotated which results in a change of the orbital di-

rection via spin-orbital (L-S) coupling. The change in orbital direction shows up as

a change in bond position (and direction). The shape change associated with the

changing bond position can manifest as a strain or a volumetric change. The follow-

â1

â2

~H

â3

~m
~m′

Figure 2.4: Dashed outline shows equilibrium atomic position with respect to crystal
axes. Upon application of an external magnetic field, sufficient to saturate the ma-
terial, the net atomic magnetic moment, ~m, is parallel to the applied field, ~H. The
atom has also changed position due to L-S coupling. Opposing this shift in position
is the elasticity of the lattice, this interaction is the magnetoelastic effect.

ing is a derivation based on the texts of Chen [24], Chikazumi [25], and O’Handley

[21].
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α2

â1

â3

~M

â2

~r

β1

Figure 2.5: Geometry for magnetoelastic calculations. αi is defined by âi • ~M, that is,
αi is the cosine of the angle between âi and ~M. For β, the same definition holds with
~r substituted for ~M. The vector ~r represents the direction of strain measurement with
respect to the crystal axes.

The goal of the following calculations is to determine the components of the mag-

netostrictive strain tensor, bij . The components of bij involve the magnetoelastic

constants, the elastic constants, and the angle that the magnetization makes with the

crystal axes. When bij is projected onto a crystal direction r̂, the direction of strain

measurement and the value of magnetostriction can be predicted. Figure 2.5 shows

the geometrical construction for these quantities.2

The components of bij are derived from minimizing the magnetoelastic free energy

with respect to the various strains. The magnetoelastic free energy for a system with

2In practice, the values of magnetostriction is carefuly measured in different directions for a single
crystal and these values determine the coefficients of bij .
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cubic symmetry 3 is [24]

ume = B1(exx(α
2
1 −

1

3
) + eyy(α

2
2 −

1

3
) + ezz(α

2
3 −

1

3
))

+B2(exyα1α2 + eyzα2α3 + exzα1α3)

+
1

2
c11(e

2
xx + e2

yy + e2
zz) + c12(exxeyy + eyyexx + exxezz)

+
1

2
c44(e

2
xy + e2

yz + e2
xz) (2.2)

Bi and cij are the magnetoelastic and elastic coeficients respectively; and α is defined

in figure 2.5. In order to solve for the eij , take ∂ume

∂eij
= 0. This leads to six equations

(bij is Hermitian) of two types:

i = j

∂ume

∂eii

= B1(α
2
i −

1

3
) + c12(ejj + ekk) = 0

i 6= j

∂ume

∂eij

= B2αiαj + c44eij = 0 (2.3)

In equation 2.3 the solutions for eij have the form

eij = −B2

αiαj

c44

and the solutions for the eii are

eii = −B1

α2
i − 1

3

c11 − c12

On inspection, this gives the result that the diagonal components of ∂ume

∂eij
are the cubic

3This expression for free energy is based on expanding ume.in terms of the direction cosine, α,
and retaining terms to second order in α.
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stresses plus a ’magnetic stress’, B1(α
2
i− 1

3
). Complementary to these strains are the

non-diagonal components, which represent a ’magnetic shear’, B2eijαiαj + c44eij plus

the normal elastic cubic shear. This makes physical sense because the free energy takes

the form of an elastic energy plus a magnetic term, which when differentiated gives

the well known result for stress in cubic systems [26], combined with the magnetic

analogue of Hooke’s law.

Now we define the magnetostrictive stress tensor4 as bij ≡ eij where

bij =












−B1

(α2
1 − 1

3
)

(c11 − c12)
−B2

α1α2
c44

−B2
α1α3
c44

−B2
α1α2
c44

−B1

(α2
2 − 1

3
)

(c11 − c12)
−B2

α2α3
c44

−B2
α1α3
c44

−B2
α2α3
c44

−B1

(α2
3 − 1

3
)

(c11 − c12)












. (2.4)

To find ∂l
l
, project bij onto the unit vector β. This gives the following (for a proof see

appendix A),

∂l

l
= − B1

(c11 − c12)
(α2

1β
2
1 + α2

2β
2
2 + α2

3β
2
3 −

1

3
)

−B1

c44

(α1α2β1β2 + α2α3β2β3 + α3α1β3β1) (2.5)

This elegant result for cubic materials can best be illustrated by example. When

the sample is magnetized in the [100], [111], and [110] directions and the strain is also

measured in these directions, we get the following results:

For the [100] type directions

α1 = β1 = 1; αi6=1 = βi6=1 = 0

∂`

`
≡ λ100 = −2

3

B1

c11 − c12

(2.6)

4The minus sign is consistent with the convention that negative strains result from positive forces
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For the [111] type directions

αi = βi =
1√
3

∂`

`
≡ λ111 = −1

3

B2

c44

(2.7)

And for the [110] type directions

α1 = β1 = α2 = β2 =
1√
2
; α3 = β3 = 0

λ110 = −1

6

B1

c11 − c12

− 1

4

B2

c44

=
1

4
λ100 +

3

4
λ111 (2.8)

As the last example suggests, the other λijk can be expressed as combination

of λ100 and λ111. Often the elastic/magnetoelastoc coefficients in equation 2.5 are

replaced with the magnetostriction constants, e.g.

B1

c11 − c12

= −3

2
λ100

As would be expected, λ111 depends on the shear modulus, c44.

For cubic materials that are isotropic, λ100 = λ111 = λ0 and equation 2.5 is

simplified by

((α1β1)
2 + (α2β2)

2 + (α3β3)
2) = cos2 θ

αiβj = 0.

Here, θ is the angle between the direction of magnetization and the direction of strain

measurement. Thus, the strain takes the form

∂l

l
= λ0(cos2 θ − 1

3
)
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which is the same as equation 2.1. For polycrystalline materials averaging over the

possible values gives a prediction of the saturation value of magnetostriction. For

example polycrystalline cubic materials have

λs
pc =

2

5
λ100 +

3

5
λ111. (2.9)

The preceding derivation can be repeated for hexagonal materials with the only dif-

ferences being in the symmetry of the terms. Chen [24] gives the value of magne-

tostriction for hexagonal materials as

∂l

l
= λA[(α1β1 + α2β2)

2 − (α1β1 + α2β2)α3β3]

+λB[(1 − α3
2)(1 − β3

2) − (α1β1 + α2β2)
2]

+λC [(1 − α3
2)β3

2 − (α1β1 + α2β2)α3β3]

+4λD(α1β1 + α2β2)α3β3 (2.10)

To conclude this discussion, table 2.1 gives values of magnetoelastic and magne-

tostrictive constants for iron, nickel, and cobalt.

2.2 non-elastic contributions to magnetostriction

While the previous section described a well known phenomenon, magnetoelasticity,

with compiled physical data for many materials, this section will discuss concepts

that are not well understood, unmeasured, and some instances, hypothetical.
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Quantity Fea Ni FCC Co λi
hex(×10−6) HCP Cob

µ0Ms
2/2(×106) (J/m3) 1.9 0.14 1.3 1.3

B1(×106)(N/m2) -2.9 6.2 -16 λA 45

B2(×106)(N/m2) 2.9 4.3 26 λB 95

λ100 × 10−6c 21 -46 75.6 λC 110

λ111 × 10−6 -21 -24 -118 λD 100

Table 2.1: Selected magnetoelastic values. The quantity µ0Ms
2/2 is

the energy it takes to magnetize the material to saturation in the easy
direction.

aValues for Fe, Ni, and FCC Co from O’Handley [21]
b[24]
call values for room temperature

2.2.1 magnetic/magnetoelastic induced martensitic transfor-

mation

The martensitic transformation is a diffusionless phase transition. The transition is

between two different crystal structures that can be related by simple transformation

operations5. Martensitic theory is extensive and well developed both theoretically

and experimentally. One of the first modern treatments of the theory was published

by Bowles and Mackenzie [27]. The literature is quite extensive, but two treatments

that do an excellent job describing the theory and compiling experimental results are

by Khachaturyan [28] and Nishiyama [29], respectively.

Without delving to deeply into the theory, there are some key concepts that need

to be discussed. The martensitic transition (MT) transforms a parent phase called

’austenite’ into a daughter phase called ’martensite’. The transition is characterized

by a starting temperature, MS, and an ending temperature, MF below which there is

5Operations such as rotation, expansion and contraction amount to an ’invariant plane strain’
(for more information see appendix B).
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no further transformation6.

Measurement of the martensite start and finish temperatures is commonly done

by calorimetry. These temperatures can also be determined by measuring a wide ar-

ray of material properties such as electrical resistivity, elastic modulus, and magnetic

susceptibility. The reason for this is that the MT is a first order phase transition, and

the thermodynamic potentials (∂Φ
∂q

) are discontinuous at phase transition tempera-

tures. However, the effect of MT on the material properties is not always dramatic

because the austenite phase does not instantaneously and completely transform into

martensite.

The reason the austenite does not completely transform into martensite is because

the elastic strain energy that controls the magnitude of the kinetic barrier can be

quite large (∼ 103 J/cm3). This barrier is due to the volume mismatch between the

austenite and martensite phase. In most cases the sample does not transform entirely

into martensite but retains some of the parent phase7. This large energy barrier

means that a large thermodynamic driving force (large undercooling, external stress,

etc.) is necessary to initiate martensite formation and most samples do not transform

fully to martensite. That is to say, there is always some amount of retained austenite.

The large strain energy associated with the transition leads to interesting and

varied microstructures in the martensite. The martensite regions take the form of

needles or plates.

Both regions can have a high density of dislocations, twins, stacking faults and

other defects. The regions of martensite have a particular orientation with respect to

the parent phase and this orientation plays an important role on the shape change

and the resulting morphology of the sample that has undergone transformation.

6On heating, the temperature at the onset of austenite is called AS and the transformation ends
at a temperature AF. AS,F are not, in general, equal to MS,F and this leads to a temperature
hysteresis.

7It is important to note that while there is only a small difference in free energy between the
phases, the kinetic barrier can be quite large simply because one phase must fit into another
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The plate or needle morphology is a result of the interface between the parent and

daughter phase having very low strain energy. Thus, a plate or needle, which has a

high surface to volume ratio, is favored because the volume of the martensite phase

has relatively high strain energy.

In some materials, the elastic barrier is quite low (≤ 10 J/cm3). In some special

cases [11] the MT is completely reversible. Not only does the transition take place with

a small value of MS − MF, but the macroscopic shape (and the microstructure) of the

austenite is entirely recovered. This phenomenon is know as the shape memory effect

(SME) and materials displaying the SME are called shape memory alloys (SMA).

The SME is a very useful engineering concept, and much research has been done on

developing SMA. The most successful SMA to date is equiatomic NiTi (also known

by the trade name nitinol). NiTi shows almost perfect shape memory behavior along

with a related phenomenon called superelasticity which will be covered later on in

this section.

There are two subjects in martensitic transformation that are particularly relevant

to this thesis.

• shape change, crystallography and microstructure resulting from MT

• the effect of an external forces (in the thermodynamic sense) on MT

2.2.1.1 shape change, crystallography and microstructure resulting from

MT

One characteristic of martensitic transformations is the transformation proceeds in

a minimum stress environment (idealy, zero stress). This means that the martensite

phase fits into the austenite phase in the lowest stress configuration. Thus, in general

the parent phase can be related to the daughter phase by a homogeneous distortion

consisting of a distortion of the lattice combined with a rigid body rotation [30]. This

particular deformation is known as an ’invariant plane strain’.
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The following derivation is done from the microscopic point of view and as such is

entirely correct when comparing one small region of austenite phase with the resulting

martensite in that small region.

In the parent phase, a vector ~r undergoes a transformation

~r → ~r ′

If we represent the distortion by the matrix Aij then

~r ′ = Â~r (2.11)

or

r′i = Aijrj.

Now, to measure the strain in an arbitrary direction in the lattice, write down the

displacement

~u = ~r − ~r ′ = ~r − Â~r

= (Â − Î)~r (2.12)

where Î is the identity operator and the displacement operator Uij is defined by

~u = Û~r (2.13)

ui = Uijrj . (2.14)

Thus the ith component of the strain is

εi =
ui

ri

=
1

rj

Uijrj (2.15)
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with the strain tensor defined as

εij ≡ Aij − δij (2.16)

Where δij is the Kroeneker delta.

Similarly to the magnetoelastic tensor, when a material experiences a martensitic

transformation, the deformation operator projected onto a specific lattice direction

of the parent phase (see figure 2.6) gives the strain in that direction.

â1

â2

â3
r→

r´→

u→

Figure 2.6: ~r is transformed to ~r ′ referenced in the âi coordinate system.

The operator Â is composed of a rigid body rotation8 and a lattice deformation

resolved along a set of orthogonal axes (the principle lattice vectors).

Thus,

Â = R̂F̂

where R̂ is a unitary matrix (also called a proper rotation). Because F̂ can be

represented as distortions along orthogonal axes, it can always be diagonalized and

because Fij is real, Â is Hermitian.

Recall that the purpose of the previous derivation was to determine the distortion

8a rotation in which the relative positions of the rotated region remain unchanged
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(the strain and the rotation) of the martensite phase relative to the austenite. So far

only the strain has been solved for in terms of Â. To get the rotation, Khachaturyan

[28] shows that

F̂2 = Â†Â (2.17)

Thus the process of finding the rotation consists of four steps:

1. Take the product of Â†Â;

2. diagonalize F̂2 to find the eigenvalues of F̂, λ2
1, λ2

2, and λ2
3.

3. This gives F̂ii = λi which can be used to find F̂−1;

4. then R̂ can be found by R̂ = F̂−1Â.

It is difficult to predict the value of Â a priori because the determination of

the the parent and daughter phase is experimental by definition. Fortunately, the

transformation itself is quite conducive to experimental observation, and as such there

is a wealth of information for materials that undergo martensitic transformations.

This information is then used to generate Â. In chapter three Â will be explicitly

solved and utilized for the case of the FCC→HCP transformation.

To illustrate the concepts discussed so far, consider figure 2.7. In this example

a cubic lattice is transformed to a tetragonal phase. The parent phase is rotated

about the â3 axis through an angle φ. The cube is elongated in the â3 direction and

contracted along the â1 and â2 directions.

Therefore, the lattice deformation matrix is

F̂ =











b
a 0 0

0 b
a 0

0 0 c
a
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a

c

b

â3

â2

â1

â1́

â2́

â3́

Figure 2.7: A cubic phase is transformed into a tetragonal phase by rotation around,
and elongation of, â3.

and the rotation matrix is

R̂ =











cos φ cos φ − π
2

0

cos φ + π
2

cos φ 0

0 0 1











.

With the total distortion matrix

Â = R̂F̂ =











b
a cos φ cos φ − π

2
0

cos φ + π
2

b
a cos φ 0

0 0 c
a











.

As a demonstration, take the direction [111]. The strain in the [111] direction is
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transformed to

Â











1

1

1











=











b
a cos φ + cos φ − π

2

cos φ + π
2

+ b
a cos φ

c
a











.

This gives the components of the new vector in terms of the parent coordinate system,

that is,

1√
3
(â1 + â2 + â3)

cubic to tetragonal
=⇒

1√
3

(

(â1((b/a) cos φ + cos φ − π

2
) + â2(cos φ +

π

2
+ (b/a) cos φ) + â3(c/a)

)

.

The next important topic to discuss is the different orientations, or variants, that

the martensite can form in the parent phase. This topic is important because it affects

both microstructure and macroscopic shape change.

As mentioned in the beginning of the preceding derivation, Â correctly predicts

the transformation on a microscopic scale. However Â does not predict the orientation

of one region of martensite with respect to another.

It is observed that there can be numerous variants of martensite in a single sample

whether the sample is polycrystalline or single crystal. This is because most crystal

lattices have many symmetry elements or operations.

These symmetry operations allow for Â to operate simultaneously on crystallo-

graphical equivalent systems within the parent phase.

Using the previous example, the transformation proceeded about the â3 axis, but

at another part of the sample it could have proceed along the â1 axis.

Khachaturyan [28] shows that for n symmetry operations of the parent phase

there are n possible variants. If the symmetry element is Ĝ, then the deformation
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operator is given by

Ân = ĜnÂ1Ĝ
† (2.18)

where Â1 is the fundamental operator with respect to a chosen coordinate system in

the parent phase.

When a sample is free of external forces it will form different martensite variants

in order to minimize the total strain or shape change. External and internal stress,

nucleation site density, and even the macroscopic shape of the sample can affect which

variants are present.

In some materials external forces or specific geometry can be used to encourage

only variants that give rise to a desired dimensional change. In this way a material

like NiTi can be used as an actuator or a shape memory device.

2.2.1.2 effect of external forces on martensitic transition

The primary effect that a force9 has on a MT is to shift the martensite start (finish)

temperature. It has been found that external forces have no effect on the kinetics

of martensitic transformations [29] and only have an effect on the amount of austen-

ite transformed (for a fixed temperature) by shifting the transition temperature so

that the MF is moved above or below the temperature of interest. This means that

more or less undercooling (more or less austenite transformed) happens for a given

temperature.

What one would like to do is to determine how an external force, such as stress,

or changes in magnetization, affect the transformation temperature.

I will derive a generalized approach to determining the effect that a magnetic

field has on an ideal system. Consider figure 2.8 where T0, MS, and ∆FM are the

equilibrium temperature between the two phases, the temperature at which the trans-

9I use the term force in the thermodynamic sense. That is, the force is a conjugate to the geometric
coordinate, q such that the force times the differential change in q is equal to the differential change in
work. For a system subject to a n different forces, fi, the work done through δqi is δW =

∑n

i=1
fiδqi.
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∆F

TM
T0s

F

A

M

Figure 2.8: The free energy curves of the martensitic (M) and austenitic (A) phases
of a material undergoing a martenstic transformation

formation begins, and the free energy (driving force) difference between the two phases

at MS respectively.

I assume that T0 ∼ MS, or more appropriately T0−MS

T0
� 1. Next, define a param-

eter t,

t = T − T0 (2.19)

and expand the free energy about T = T0,

F = F0 +
∂F

∂t
t +

∂2F

∂t2
t2 (2.20)

Given my previous assumption, T0−MS

T0
� 1, F can be approximated as a linear func-

tion of t for small t. Thus, F has the form

FA,M = χA,M t + δ (2.21)

where A, M are for austenite and martensite, respectively, and obviously both curves

have the same intercept. This model is shown in figure 2.9.
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∆F

t

F

t
m

Figure 2.9: The free energy of the system in figure 2.8 approximate as a linear function
of the parameter t. (tm = MS − T0)

Next we apply an external force (such as a magnetic field) and assume that it has

the effect of changing the difference in the free energy of the two phases by a constant

amount (∆EM). This is represented in figure 2.10.

To find the change in the transformation temperatures, set FA = FM so that

χat
′
0 + δ + ∆EM = χmt′0 + δ (2.22)

thus

t′0 =
∆EM

χm − χA

(2.23)

and

χM − χA =
FM − δ

0 − tM
− FA − δ

0 − tM
=

∆F

tM
. (2.24)

This can be worked out to give the new transformation temperature and the new

martensite start temperature as

T ′
0 =

∆EM

∆F
(MS − T0) + T0 (2.25)
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Figure 2.10: Change in free energy due to an external force.

and

M ′
s =

∆EM

∆F
(T0 − MS) + MS (2.26)

These expressions encourage the following relation,

∆EM

∆F
=

T ′
0 − T0

MS − T0

=
(

T ′

0

T0
) − 1

(MS

T0
) − 1

(2.27)

Since MS is always less than T0 the sign of equation 2.27 tells you the effect of the

external force on the free energy, that is to say, whether the external force moves the

free energy of the phases closer together or further apart.

2.2.2 deformation through twin boundary motion

Twin boundary motion (TBM) is a mechanism for large deformation in materials with

a twinned microstructure. TBM is observed to occur by changes in twin variants– ei-

ther through rearrangement of the existing twin structure or by growing one favorable

variant at the expense of the others10.

10similar to the case of domain magnetization
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midrib

I

II

Figure 2.11: The twin microstructure in Nb-Ru. I and II refer to the two twin variants
(the light and dark regions). The midrib is not a twin boundary, but divides two regions
that have the same twin variants but different orientation relative to the parent phase.

Twin boundary motion takes place in response to a change in free energy of the

sample due to an external force, for example, due to an external stress or change in

state in magnetization. If the sample recovers its shape when the driving force is

removed, the term reversible twin boundary motion (RTBM) is used.

RTBM is only observed in materials that undergo a martensitic transformation

in which the twinned microstructure is found. Before the phenomenon of RTBM is

reviewed, it is important to review the concept of the twin microstructure

2.2.2.1 the twin microstructure

Figure 2.11 shows the twinned microstructure in a Nb-Ru alloy [29]. In martensitic

samples the specific twin variants depend on the crystal structure, whereas the mi-

croscopic (or mezoscopic) structure depends on both the external conditions of the

sample and the preexisting microstructure of the parent phase.

The twin microstructure is a way for a material to reduce strain energy, and as

such, it is seen in many materials. This reduction of strain energy is why the twinned

microstructure is so common in martensitic materials where strain energy plays such

an important role. There are other competing mechanisms to reduce strain energy in

the martensite/austenite system; however, dislocation and stacking faults are the two
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Figure 2.12: Two extreme examples of microstructure resulting from martensitic
transformation. The top structure results from accommodation solely by slip, the
bottom structure results from twinning. I and II refer to the different twin variants.

most important. Figure 2.12 shows a schematic of the difference between twin and

slip in accommodating martensite. In general, both twins and dislocation networks

are observed in materials that have undergone a martensitic transformation.

Two twins can be geometrically related to each-other either by any operation

of macroscopic symmetry (reflection, proper rotation, or inversion) [31]. The twin

boundary is the planar region separating the two twins. The twin plane is the plane

in which the twin can be observed. The twin plane normal lies in the twin boundary

plane. The twin plane is perpendicular to the mirror plane in case of twin relation

by reflection, and the twin plane normal is parallel to the axis of rotation in the case

of rotation.

It is well known that mechanical shear can lead to twin formation [14] even in

materials that do not exhibit the martensitic transformation. This lends some plau-

sibility to the notion that twin motion and growth occurs in deformed martensite
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materials because twins are seen to be somewhat dynamic structures.

2.2.3 reversible twin boundary motion

RTBM is seen in many different materials [11], but the term pseudoelasticity is more

commonly used in order to convey a sense of what is of interest in the system at hand.

In different materials that exhibit RTBM, the term used to describe the pseudoelastic

behavior are descriptive of the physical processes that stimulate RTBM.

The following three examples, superelasticity, rubber-like behavior, and the fer-

romagnetic shape memory effect (FSME), have very different circumstances but all

display pseudoelasticity through RTBM.

2.2.3.1 superelasticity

Superelasticity is seen, most notably, in Ni-Ti alloys [11] around the equiatomic com-

position range. Figure 2.13 shows a schematic stress-temperature ’phase’ diagram.

This non-equilibrium diagram shows different regions where austenite or martensite

is stable. The regions are bounded by the stability of the system with respect to slip,

martensite formation, and twin boundary motion.

In this case, the alloy is selected so that the operating temperature is well above

MS. When a stress is applied, the material forms what is called thermoelastic marten-

site [11]. This martensite has a twinned microstructure determined by the direction

of the applied stress. Upon further increase in stress the materials undergoes twin

boundary motion. When the stress is removed the sample reverts first to its original

twin structure and then to the austenite. The driving force for this is due to the fact

that the deformation is done under conditions in which the austenite phase is stable

with respect to the martensite. This process is illustrated in figure 2.14. Recoverable

strains as large as 10 percent have been measured [11].
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Figure 2.13: Stress vs temperature for Ni-Ti or similar materials. The line indicating
twin boundary motion is suggestive of the where twin boundary motion is stable with
respect to the formation of martensite.
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Figure 2.14: Tensile deformation of a super elastic material. The sample starts in
the undeformed austenite phase, then converts to martensite with two twin variants.
Further stress leads to a single twin variant. When the stress is removed the sample
returns to its original austenite shape.
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Figure 2.15: Pseudoelastic behavior in Au.51Cd.49 reported in [13]. The heavy line is
for the first deformation cycle. The light line is for the third cycle (additional cycles
showed similar behavior). The strain rate was ∼ 10−2/s.

2.2.3.2 ’rubberlike’ behavior

Sakamoto and Ren [13, 12] describe RTBM in Cu-Ni-Al and Au-Cd alloys. In this

case, the samples are prepared by placing them in tension at temperatures well above

AF and then cooling them below MF while in tension. This results in a specimen that

has two twin variants with a specific relationship to the tensile axis. Upon application

of compressive stress the samples exhibited the behavior shown in figure 2.15. For

tensile stress, the same behavior was reported, but at stresses five- times greater and

one-third the strain.

The authors use the term ”rubber-like behavior” to describe the pseudoelastic

response in these materials. Ren [12] proposed the driving force for reversal of twin

motion involves short range order of atoms on two different sublattices. This is

partially based on the observation that rubberlike behavior was only seen in samples

that had been aged at T < MF for a period of months.

The explanation is as follows: The austenite consists of two sublattices that are
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disordered. When the sample transforms into martensite a partial short-range order-

ing takes place in the sublattices. When the sample is distorted by twin motion this

affects the local ordering by distorting the lattices. This disruption of short-range

order is suggested to be responsible for the RTBM observed.

2.2.3.3 FSME

Recently RTBM has been reported in Ni-Mn-Ga and Fe-Pd-Pt alloys. This is the

so-called11 ferromagnetic shape memory effect (FSME). It is unique to the previous

two examples because there is no external stress involved.

Ulalako [20] and others originally reported strains of about 0.2% in NiMnGa.

More recently Murray [15] reported a reversible shear strain of 7% in Ni2MnGa,

while Kakeshita [19] has reported 0.5% reversible strain in ordered Fe3Pt. In all cases

reversible twin boundary motion has been observed and credited as the mechanism

responsible for the large strains. All measurements were done at temperature below

MF.

The proposed mechanism [21] for these large ’magnetostrictive’ strains is as fol-

lows. When a magnetic field is applied, one twin variant has lower magnetocrys-

talline anisotropy energy 12 than the other. For a material with a large enough

magnetocrystalline anisotropy, it is energetically favorable for the twin with higher

magnetocrystalline anisotropy energy to convert to the other twin variant by twin

boundary motion.

A final comment about the FSME. Researchers have not postulated a driving

force for the reversal of twin boundary motion, even though it is observed that the

strain state goes to zero when the field is reduced to zero. It is not clear if the sample

is demagnetized when the field is turned off. If, as some suggest, the elastic strain

drives the reverse transformation, then the reduction in strain energy would have to

11the materials are ferromagnetic and exhibit analogous behavior to shape memory alloys
12i.e. the easy magnetic axis of the favorable twin variant lies parallel to the applied field
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overcome the increase in magnetocrystalline anisotropy energy if the sample was to

stay magnetized.

Of the three examples discussed, only the superelastic case has been observed in

polycrystalline materials. Both rubberlike behavior and the FSME have only been

observed in single crystal samples. One possible explanation is that, for polycrys-

talline samples, these effects are greatly reduced due to the constraint of randomly

oriented grains. Alternatively, the Ni-Ti system could be a special case in which a

polycrystalline material can exhibit pseudoelasticity.

2.3 summary

Because so many different concepts have been discussed, it is worthwhile to integrate

the ideas in this chapter in terms of magnetostriction. Magnetostriction refers to

the observation of strain or shape change due to an applied magnetic field. The

first concept discussed was the semi-classical derivation of the magnetoelastic effect.

Because magnetoelastic strains are very small, they provide a good lower bound on

what is to be expected from a material.

Non-magnetoelastic terms discussed above include martensitic transformations

and the related concept of pseudoelasticity. Martensitic transformation provides the

possibility of magnetostriction via the contribution of magnetostatic energy, which

can change the driving force for martensite formation. Pseudoelasticity is tied to mag-

netization through the FSME. However, the contributions of magnetoelastic energy,

magnetostatic energy, and magnetocrystalline anisotropy all have to be considered in

driving phase transitions and reversible twin boundary motion.

In the next chapter I will account for all of these terms in the Co-Ni alloy system.

A theoretical model will be developed to approximate the magnitude of possible

magnetoelastic contributions. Even though no data exists for the alloy range being
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investigated, the system is simple enough to justify extrapolation of general theory.

Ultimately, the materials will have to be measured, and the magnitude of the

magnetostrictive response will serve as a guide as to which mechanisms are present.
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Chapter 3

Special Considerations in the

Co-Ni Alloy System

Chapter 2 described the phenomenon of magnetostriction and gave a way of calcu-

lating the strain. Now those formulae can be applied to the Co-Ni alloy system and

in particular to thin films. Because the magnetoelastic constants have not been de-

termined for the Co-Ni alloy ranges I am testing, I will use the values of cobalt and

nickel that have been compiled and then try to extrapolate based on the crystallog-

raphy of the sample (i.e. whether it is in the cubic, hexagonal, or mixed phase). This

approach should give a lower and upper bound for magnetostrictive values.

In chapter 5 the experimental values of the magnetoelastic coefficients for Co-Ni

alloys I have tested will be compared to the following predicted values.

Whereas there is no magnetoelastic data for cobalt rich Co-Ni alloys, there is

considerable1 thermodynamic, structural, phase transformation, and magnetic data

for thin film and bulk Co-Ni alloys [32, 33, 34, 35, 36, 37]. This data will allow for

a more confident prediction of the forces involved for twin boundary motion and the

martensitic phase transition.

1most data tends to concentrate on alloys with greater than 50% Ni
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3.1 crystallography of Co-Ni thin films

Before the values of magnetostrictive strain can be calculated for the samples at hand,

the crystallography must be described. Since the Co-Ni system is close-packed, the

crystallography is relatively simple. Close-packed layers (either {111} oriented for

FCC samples or {0001} for hexagonal) grow parallel to the substrate. Because the

films are grown on silicon nitride, which is amorphous, they are polycrystalline with

a grain size comparable to the film thickness. The grains are randomly oriented in

the film plane.

In order to calculate the magnetostriction in these films one must have an un-

derstanding of the relationship between grain orientation and the principle (crystal)

axes. For the hexagonal phase, this is simple. Chapter 4 includes x-ray and elec-

tron diffraction data which show the hexagonal phase to be oriented with the c axis

normal to the film. Since hexagonal materials are isotropic in-plane the average mag-

netostriction at various orientations (relative to the film geometry) can be calculated

in a straightforward manner using equation 2.10.

The cubic phase is more complicated because the grains are <111> oriented which

is not one of the principle axes. This means an average ’in-plane’ direction must be

determined by symmetry or a statistical calculation. In order to proceed with the

calculation of the magnetostriction in the cubic phase it is instructive to consider

what the close packed structure for FCC materials looks like in terms of principle

directions and planes.

A handy model for understanding the FCC lattice is the Thompson tetrahedron.

This is a real-space construction, and while it does not show the cubic nature of FCC

materials, it is very effective at illustrating geometrical relations for the close-packed

faces. The Thompson construction is composed of the four intersecting {111} planes.

The construction gives crystallographic information that is more useful for real FCC

materials. This is due to the fact that FCC materials tend to form with the close-
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(a) The real-space construction of the
Thompson tetrahedron (note that the fun-
damental construction is only three layers).

  [ ]21 1

  [ ]211
  [ 1 ]0 1

  [ ]011

(b) The (111) face with the two crystal-
lagarphically different directions.

Figure 3.1: The Thompson tetrahedron construction for FCC crystals

packed planes bounding the solid [38]. Figure 3.1 shows the Thompson tetrahedron

(constructed from individual atoms) with a detailed view of the (111) face.

3.2 magnetoelastic contributions to magnetostric-

tion for a Co-Ni thin film

In chapter four x-ray diffraction data is shown for different films. For films with

greater than 20% weight Ni, grown on silicon nitride, it is found that the films are a

mixture of <111> and <100> textures. That is to say, the film normal is parallel to

<111> or <100> axes of the film grains.

For films less than 20% weight Ni, all grains are oriented with the close-packed

direction parallel to the film normal. However these films have a mix of cubic and

hexagonal grains. Figure 3.2 shows an example for cubic grains. The in-plane orien-

tation is random, but the texture is <111>.

In looking at the strain-magnetization relationship there are two cases to consider

for each phase: In-plane and and perpendicular magnetization with strain measured
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<110>

<110>

(111)

substrate

film

Figure 3.2: Typical configuration of Co-Ni thin films. The individual grains are all
oriented with the close packed direction normal to the film plane. The in-plane ori-
entation is random.

in-plane. These conditions are important because they represent an upper and lower

bound on in-plane magnetostriction. In addition, these two cases can be solved ana-

lytically and thus serve to illustrate the general idea of calculating magnetostriction.

3.2.1 <111> oriented cubic grains

3.2.1.1 magnetized in-plane, strain measured in plane

To get the value2 of λip
ip one must account for the fact that the grains have random

orientation in plane so the average in-plane magnetization direction is an average of

all possible <110> and <112> directions. In principle this is a non-trivial calculation

that has to be carried out by statistical averaging over all grains, but for the case of

magnetostriction the symmetry of the film and the symmetry of the magnetostrictive

terms can be taken advantage of.

2in the following calculations the upper index is for the direction of magnetization, the lower
index for the strain measuring direction
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No matter how an individual grain is oriented, it will never be more than 30

degrees away from a < 112 > or < 110 > direction. Thus, a good approximation to

the direction of magnetization relative to any grain is the normalized vector average

of these two directions. To calculate the average direction, a specific {111} plane

must be used. Choosing the (111) plane, we see the 12 possible average directions

gives a result of the type

< 211 > + < 101 >=< 312 > . (3.1)

Of course, if one averaged over all these vectors, the result would be zero. However

recalling equation 2.5 and rewriting it as

λ =
3

2
λ100

∑

i

(α2
i β

2
i −

1

9
) + 3λ111

∑

i6=j

αiβiαjβj (3.2)

when αi=βi it is obvious that simply permuting the sign and value of the components

of <123> does not change the value of λ. So, in terms of the magnetostriction, it

does not matter what in-plane orientation an individual grain has. If the film is

oriented <111>, it is sufficient to specify the in-plane direction as one of the vectors

in equation 3.1.

The physical reason for this is simply that the strain is invariant under 180 degree

rotations (exy = eyx). It is also important to note that it is assumed each grain is

free to strain in the direction of magnetization. That is, all the grains strain in a

cooperative manner. This is not too bad of an assumption based on the geometrical

arguments made in this section and the fact that the grain boundaries and the sub-

strate constrain each grain isotropically for small strains. In any case, this provides

an upper bound on the calculation of magnetostrictive strain.
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To calculate the in-plane strain with parallel magnetization use

1√
14

[123][100] = α1 = β1 =
1√
14

1√
14

[123][010] = α2 = β2 =
2√
14

1√
14

[123][001] = α3 = β3 = − 3√
14

for example. From equation 2.5

λip
ip =

1

4
λ100 +

3

4
λ111. (3.3)

All the alloys tested in this thesis have high cobalt content (≥70 weight percent

cobalt); so it is not unreasonable to use the material values for cobalt to evaluate an

upper bound on λip
ip. Using the values of λ100 and λ111 from table 2.1 gives

λip
ip = 7 × 10−5.

3.2.1.2 <111> textured film magnetized perpendicular, strain measured

parallel

In this case all of the <123> type vectors are equivalent because αi = 1√
3

and thus

the term
∑

i6=j

αiαjβiβj

is always equal to

−1

3
(

7

14
) = −1

6

Thus

λip
perp = −1

6
λ111 = −2 × 10−5. (3.4)
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again, using the magnetostriction data for cubic cobalt. It is interesting to note that

the that the strain in the film changes from compressive, for the in-plane condition,

to tensile in the perpendicular condition.

3.2.2 <100> oriented cubic grains

As in the case of the <111> oriented grains, one can arrive at an expression for the av-

erage in plane direction for the <100> grains. By inspection, this direction is <110>.

Thus, for the case of in-plane magnetization and in-plane strain measurement, we get

the result from chapter two, namely

λ110 =
1

4
λ100 +

3

4
λ111

λip
ip = 7 × 10−5. (3.5)

This is the exactly same value as for the <111> oriented grains. Thus, for cubic films,

a mixed texture has no effect on the theoretical value of in-plane magnetostriction

due to in-plane magnetization.

For the perpendicular case, the in-plane magnetostriction is,

α1 = 1; α2 = α3 = 0

β1 = β2 =
1√
2

λperp
ip = − B1

(c11 − c12)
(1 − 1

3
) = λcobalt

100 = 7.5 × 10−5 (3.6)

3.2.3 hexagonal phase magnetostriction

Figure 3.3 shows the hexagonal phase geometry of the thin films. The films have

grains oriented with the [001] axis normal to the film. An in-plane magnetization for

the randomly oriented grains takes the average value of [110 ].
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<010>
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{002} Plane

<001>
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<100>a 

<110>

{111} Plane

Figure 3.3: For the hexagonal phase note that the average value of the in-plane (basal
plane) direction is <110>. Also, the form of the magnetostriction is symmetric with
respect to â and b̂ lattice directions.

Equation 2.10 gives the in-plane strain as

∂l

l
= λA[(α1β1 + α2β2)

2 − (α1β1 + α2β2)α3β3]

+λB[(1 − α3
2)(1 − β3

2) − (α1β1 + α2β2)
2]

+λC [(1 − α3
2)β3

2 − (α1β1 + α2β2)α3β3]

+4λD(α1β1 + α2β2)α3β3

With

α1 = α2 = β1 = β2 =
1√
2

α3 = β3 = 0

all terms involving α3 and β3 are eliminated, thus the hexagonal in-plane strain is

(using cobalt data)

λip,hex
ip = λA = 4.5 × 10−5. (3.7)

The perpendicular condition has

α1 = α2 = 0; α3 = 1

β1 = β2 =
1√
2
; β3 = 0.
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Upon inspection of equation 2.10 each coefficient of λi is zero, and therefore the

in-plane strain for hexagonal grains is zero when magnetized out-of-plane.

3.3 non-elastic contributions to magnetostriction

in Co-Ni

Determining the shape change due to FCC to HCP transformation is much simpler

than determining the magnetoelastic contribution. Theoretically the transformation

proceeds very simply as a partial dislocation of a
6

<112> (where a is the cube edge

length in the cubic phase) every third layer. There are four equivalent close-packed

faces that this transformation can proceed on, and three equivalent directions for

layers to move, making 12 equivalent slip systems. The resulting shear displacement

is approximately 19 degrees for a transformation proceeding on only one slip system.

This process of activating slip systems is called ’shuffling’.

In addition to the shear displacement of close-packed layers, in cobalt alloys

(among others) the sample will contract in the <111>FCC (< 001 >HCP) direction

and expand isotropically in the basal plane of the hexagonal system.

In unconstrained samples with an isotropic bulk shape there is no net shape change

due to equal transformation on all 12 slip systems, thus all shape change is due to

the isotropic contraction and expansion. Khachaturyan [28] derives the deformation

matrix in cobalt by neglecting the shuffling and considering an isotropic strain in

the basal plane (of the hexagonal system) together with a strain in the close-packed

direction. Thus, the strain/deformation matrix is

uij = −0.00185











1 0 0

0 1 0

0 0 1











− 0.00607











1
3

1
3

1
3

1
3

1
3

1
3

1
3

1
3

1
3











(3.8)
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deformation mechanism strain contribution

magnetoelasticity 10−4 − 10−6

FCC to HCP (homogeneous) 10−3

FCC to HCP (shuffling) 19 % shear strain

Table 3.1: Estimated maximum in-plane strain contributions for a textured Co-Ni thin
film.

and since

Aij = δij + uij (3.9)

we get the lattice transformation matrix as

ACo
ij =











0.9961 −0.002 −0.002

−0.002 0.9961 −0.002

−0.002 −0.002 0.9961











. (3.10)

So, for example, operating on the <110> family of directions in the HCP phase gives

an expansion of ∼ 10−3.

3.4 summary

To conclude this chapter, it is useful to compare the contributions to the total defor-

mation in a Co-Ni film. While it is difficult to predict what mechanisms and what

values of magnetostriction will be found in the Co-Ni films, examining table 3.1 gives

a way to evaluate an upper bound on the mechanisms of magnetostriction.

For example, if a sample shows a magnetostrictive strain of 10−3, it is clear that

a non-magnetoelastic mechanism is responsible. On the other hand, if a strain of

only 10−5 is found it doesn’t necessarily rule out non-magnetoelastic mechanisms.

However, if a strain of 10−7 is found, it is most likely that magnetoelasticity is solely
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responsible.
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Chapter 4

Experimental Procedure and

Material Analysis

In determining the optimal Co-Ni alloy for magnetostrictive applications the struc-

tural and magnetic properties of the sample as well as the magnetoelastic constants

must be carefully measured.

Initially, the work in this thesis included a temperature dependent magnetostric-

tion measurement. However, because these materials are expected to be operated at

room temperature, it was decided that it is more practical to investigate as wide a

range of compositions as possible instead of focusing on the 30-33 wt% Ni alloys that

have been found to work at low temperatures (200 K).

This chapter will cover thin-film preparation techniques as well as magnetic, struc-

tural properties. Magnetoelastic characterization techniques will be discussed in chap-

ter 5. For general reference, table 4.1 summarizes the films grown for this thesis. Alloy

sources were 10, 15, 20, and 30 percent by weight nickel1.

1When the films grown from these alloys are referred to in the thesis, the notation 15%, 20%,
etc. will be used even though that is not the exact composition of the film.
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compositiona annealing temperatures thickness
technique

12 wt.% Ni 450 ◦C 50 nm, 500 nm
16 wt.% Ni 450 ◦C 50 nm, 500 nm
21 wt.% Ni 450 ◦C , 600 ◦C 50 nm, 300, 500 nm
32 wt.% Ni 450 ◦C , 550 ◦C , 600 ◦C , 700C 50 nm,

200 nm, 400 nm, 500 nm

Table 4.1: Summary of various Co-Ni films grown for this study

aas determined by EDX

4.1 thin-film preparation

Alloy films can be prepared in a number of ways on various substrates. The goal

of this thesis is to examine polycrystalline films on amorphous substrates. Also of

interest is to examine the magnetostrictive properties as a function of thickness2.

Thin-films were grown by evaporation up to a thickness of 0.5 µm.

4.1.1 substrate selection

Both silicon nitride and silicon oxide were used. These substrates are readily available

for thin film deposition, and both SixN and SiO2 are common passivation layers in mi-

croelectronic and MEMS devices. Thus, the results of this thesis can be immediately

transfered to those technologies.

A titanium ’glue layer’ was used for some films to improve adhesion of the metal

films. Titanium is very reactive with oxides and nitrides as well as metal films– this

makes titanium a good intermediate layer. However, care must be taken not to poison

the Co-Ni films, this means the titanium layer is less than one percent the thickness

of the metal film.

2Thickness dependence is used to study how, and if, a thin-film differs from bulk like behavior–by
increasing the thickness the film becomes more bulk-like.
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4.1.2 heat treatment

Heat treatment (annealing) was used to control the microstructure of the thin-films–

in particular the grain size and in-plane texture (as described below).

Typical annealing temperatures ranged from 450 ◦C to 700 ◦C . Annealing was

done both post growth (in situ for evaporated films) and during deposition. Heat

treatment times were typically on the order of 10 ks. The range of grain size is

more or less constant, ranging from about 20 nm to 1000 nm, for all temperatures

for the evaporated films. However, higher temperatures provide better adhesion and

increased average grain size.

4.1.3 film growth

Thin films were prepared by evaporating from an alloy source (congruent evaporation)

and by evaporating thin alternating layers of cobalt and nickel and then interdiffusing

them by heat treatment–this method allows for excellent control of stoichiometry.

The second method, which has been used for other thin-films [39], was abandoned

because in order for thorough interdiffusion to take place, the layers must be less than

1 nm thick. This makes it an impractical technique for growing films much thicker

than 50 nm.

Congruent evaporation became the method of choice because cobalt and nickel

have very similar vapor pressures in the range of melting temperatures for all com-

positions chosen. The ratio of fluxes from an AxB binary alloy source is [40]

JvA

JvB

=
x

1 − x

pvA

pvB

√

MB

MA

(4.1)

Where pv is the vapor pressure and M is the molecular mass. Because the molecular

mass of cobalt and nickel differs by less than 0.1 percent, if the vapor pressure is

the same at the temperature of interest the flux ratio will be the same as the source
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composition.

4.1.4 microstructure and composition

The microstructure of the films was remarkably similar to that of the bulk. The

difference being one of scale. Figure 4.1 show an optical micrograph of a 25 wt% Ni

alloy. This sample was prepared by vacuum melting the alloy into a button. Then,

the sample was sectioned, ground, polished to 0.3 µm grit, annealed, and then etched

in aqua regia.

As discussed in chapter three, the morphology of this sample will show trans-

formation on the equivalent {111} planes. Thus, in figure 4.1 the triangular shapes

are due to a transformation in a grain that is nearly aligned with the surface. If

the surface and a {111} plane were perfectly aligned the triangles would be perfect

equilateral triangles.

Figure 4.2 shows a TEM of a Co: 30 wt% Ni film. This grain displays the same

morphology as the bulk, but at a scale three order of magnitude smaller.

The gross grain structure of the film did not vary much with thickness or annealing

conditions (above 450 ◦C ). The films grew in what is referred to as ’zone 2’ (or Z2)

[40]. Z2 is characterized by textured grains with a distribution of sizes on the order

of, and less than, the film thickness. However, for films annealed at 650 ◦C or higher,

the films were still textured, but the upper limit of the grain size increased to well

beyond the thickness of the film. Figure 4.3 shows a TEM of the same film as in figure

4.2 but at lower magnification; so the overall grain size distribution is emphasized.

The similarity of the composition of the thin-films to the bulk source was con-

firmed by energy dispersive x-ray analysis (EDX). It was found that the thin-films

differed from the source by no more than a two percent, well within the experimen-

tal uncertainty of the measurement technique. Auger analysis would provide a more

accurate measurement of the composition but only for a small fraction of the film
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Figure 4.1: A single grain of Co: 25 wt% Ni, annealed at 450 ◦C for 12 hours. The
HCP phase is present as the heavily twinned regions. The heavy black lines mark
three equivalent {111} variants, the fourth being almost parallel to the surface. The
the light and dark regions are due to the contrast provided by twin formation in a
single variant. The field of view is about 1mm.
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Figure 4.2: TEM image of a 50 nm thick Co-Ni 50 film. The film was annealed at
650 ◦C for 6 hours. The description of the morphology follows from figure 4.1. The
diffraction pattern clearly shows the twinned nature of the grain by the secondary spots
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Figure 4.3: TEM image of a 50 nm thick Co-Ni film. The large grain at center is
a fcc phase (as seen from the dp) and is significantly bigger than the film thickness.
However, the average grain sized is about 100 nm.
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thickness.

Composition measurement techniques such as secondary ion mass spectrometry

(SIMS) are not feasible because the similarity in mass of cobalt and nickel.

4.2 structural analysis

Both microscopy and x-ray diffraction were used to examine structure. TEM will be

discussed more in chapter 5, but one important result was that films were found to

be of mixed phase. Some grains were hexagonal and other grains were cubic.

X-ray diffraction was the major analytical tool and was used mainly to determine

phase and texture of the films. Because the 111fcc peak is very close to the 0002hcp,

the relative height of the 200fcc peak , as well as the strength of the 101hcp peak was

used to determine qualitatively which phases were present.

In theory, the close-packed peaks for hexagonal and cubic phase Co-Ni alloys

should be distinguishable. However, experimentally, these alloys have so many stack-

ing faults (due to martensitic transformation) that the peaks overlap and are difficult

to deconvolve. Taylor [41] discusses the difficulty in distinguishing between the cubic

and hexagonal phases, and provides extensive bulk analysis. In the case of the 15%

alloy, it was possible to deconvolve the film peak into two distinct peaks correspond-

ing correctly in position and intensity to the hexagonal and cubic phases (see figure

4.5).

As a reference, the peaks for fcc and hcp cobalt as well as fcc nickel were compiled

from powder diffraction files and are presented in table 4.2

Figure 4.4 shows a comparison of 10%, 15%, 20%, and 30% thin-film samples. Of in-

terest is the disappearance of the 200fcc peak as the weight percent of nickel decreases.

Conversely, the 101hcp becomes more prominent until 15 wt%Ni, and is gone for 10
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peak 2θ intensity dhkl(Å)
fcc cobalt

111 44.215 100 2.0460
200 51.512 40 1.7720
220 75.821 25 1.2532
311 92.720 30 1.0680
222 97.648 12 1.0230

hcp cobalt
100 41.668 20 2.1650
002 44.745 60 2.0230
101 47.549 100 1.910
102 62.701 1 1.4680
110 75.906 80 1.2520
103 84.157 80 1.1490
200 90.631 20 1.0830
112 92.494 80 1.0660
201 94.688 60 1.0470

fcc nickel
111 44.490 100 2.0340
200 51.826 42 1.7620
220 76.337 21 1.2460
311 92.900 20 1.0172
222 98.397 7 0.8810

Table 4.2: Diffraction pattern standards for nickel and cobalt. Of interest is the
similarity between fcc cobalt and fcc nickel. Also, note that the 111cubic and 002hex

peaks are very close.
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Figure 4.4: X-ray diffraction patterns of four different compositions of thin-film Co-Ni
alloys . The film peak changes from 111fcc to 002hcp.

wt%Ni. Also of interest is that the trend of the 111fcc (002hcp) peak toward higher

values of 2θ has nickel content decreases. Even though the diffractometer is not ac-

curate enough in 2θ to get absolute d-spacing, the relative change in spacing can be

extrapolated from the data. This information is useful in calculating the transforma-

tion matrices from chapter 3. Taylor [41] shows that an accurate way to determine

phase transformation in Co-Ni alloys is by the distance between the 111fcc peak and

the 200fcc peak. Clearly in figure 4.4 as the nickel content decreases these peaks move

closer together. So while the 200fcc peak does not change in relative intensity between

20% and 15%, the two peaks do move closer together.

Figure 4.6 show a 25wt%Ni bulk alloy. Of interest is the idea that stress, from

polishing in this case, can have the same effect as decreasing the nickel content. In

other words the ratio of the intensity of the hexagonal to cubic peaks decreases after
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44 46 48 50 52

2θ

Figure 4.5: Log plot of xrd data for 15% film. Note that both the hcp and fcc
close packed peaks are distinguishable, indicating a comparable amount of fcc and hcp
grains. Also, note the presence of both the 200fcc and 101hcp peaks. Refer to figure
4.4 for peak positions.
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Figure 4.6: Bulk 25wt%Ni bulk alloy. Annealed in vacuum at 300 ◦C for 12 hours.
Refer to table 4.2 for diffraction peak information

the sample has been annealed.

Figure 4.7 show the peak positions for a bulk sample as compared to a thin-film

sample (500 nm). What is of interest is that the peak separation in the thin-film is

much greater than the bulk annealed or unannealed sample. In order to correct for

the diffractometer error in 2θ, the data has been normalized in 2θ to show the peak

shift. The data can be interpreted qualitatively in one or more of the following ways:

1. The 200fcc spacing has decreased (due to a compressive stress).

2. The 111fcc ((002)hcp) spacing has increased (tensile stress).

3. The relative amount of the hexagonal phase has decreased due to film stress,

thus shifting the 111fcc (002hcp) peak lower in 2θ.

The last item is of particular interest because it would indicate that the martensitic

transformation has been retarded in the thin-film.
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Figure 4.7: 30wt%Ni bulk and thin-film samples.

One last interesting note is the comparison of films grown on nitride with films

grown on oxide. Figure 4.8 shows two 500 nm films. What is of interest is that

the relative intensity of the (111)fcc ((002)hcp) peak to the (200)fcc peak should be

about 2:1 for a perfect powder sample– that is one in which all grains are represented

equally with respect to the x-ray beam. In figure 4.8 one can see the film grown on

oxide represents expected texture for metal films grown on amorphous substrates– the

(111)fcc ((002)hcp) planes lie parallel to the substrate–indicating a very strong texture

by the relative weakness of the(200)fcc peak.

However, the film grown on a nitride substrate3 shows a large relative intensity of

the (200)fcc peak. This can only mean the film has developed a strong ’cubic’ texture.

This phenomenon is very unusual. One possible explanation is that the metal film did

not adhere well to the nitride and martensitic transformation caused the orientation

3this has been duplicated in three different films
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Figure 4.8: 30wt%Ni film grown on oxide and nitride substrates.

of the grain to shift from the preferred close-packed texture.

4.3 magnetic measurements

The main purpose of magnetic measurements on the samples was to establish the

polarization data. Of primary interest is the saturation magnetization, Ms and the

technical saturation value of magnetic field, Hs. which can both be obtained from

a hysteresis loop. Hs as well as the shape of the hysteresis curve can give phase

information while Ms is important in determining the magnetocrystalline and shape

anisotropy.

All measurements were done on a Quantum Designs SQUID magnetometer which

can apply fields of up to 5T, using a superconducting magnet, and has sensitivity down

to 10−6 emu/cm−3. In this section only in-plane measurements of magnetization will

62



be presented.

One would expect Ms to decrease with increasing nickel content because nickel

has a much lower value of Ms in any crystallographic direction, 480 kA/m for nickel,

and 1300 kA/m for cobalt when measured in the close-packed direction [24]. Also,

one would expect Hs to increase for decreasing nickel content because the in-plane

direction is changing from a relatively easy <112> texture to a basal (hcp) texture).

For example, Hs in nickel is 1000 A/m (in the <112> direction) and in the <110>

direction in cobalt Hs is 80 kA/m.

These concepts are illustrated in figures 4.9, 4.10 4.11. The values of Hs found

for 10, 15, 20, and 30wt%Ni are 96, 80, 64, and 7 kA/m respectively. Interestingly

enough, the value of the applied field necessary to saturate the sample (Hs) was an

excellent indicator of what the majority phase of the film was. The switch from a

mostly cubic phase to a mostly hexagonal phase film occurs between 30 wt% and 20

wt% Ni. Thus, a dramatic increase occurs in Hs from about 560 A/m for 30 wt% to

4720 A/m for a 20 wt% film; but only a small increase occurs between 20 wt% and

10 wt% Ni. This is explained by the fact that a cubic film has a relatively easy axis

of magnetization in-plane, whereas the hexagonal film has a hard axis in-plane, as

discussed previously.

4.4 magnetostrictive measurements

The measurement of magnetostriction on thin-films presents many unique problems.

Some problems are resolved by using standard techniques for measuring stress in

thin-films. These techniques include capacitve, acoustic, and elipsometry (and other

forms of interferometry) methods. An excellent review is presented by [42].

In order to determine the most accurate and efficient method for magnetostriction

the parameters of the system have to be reiterated. The films are typically on the order
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Figure 4.9: Hysterisis data for a 400 nm Co: 15wt%Ni film grown on nitride (300K).

of 500 nm, the polarization field is less than 1 T, and the minimum magnetoelastic

strain (at saturation) is about 10−5.

For these conditions it was decide to use a cantilever deflection measurement

system with a standard electromagnet.

4.4.1 cantilever deflection

The theory for the deflection of a cantilever due to strain in a coherent film is well es-

tablished [43, 44]. For the geometry shown in figure 4.12 with the length:width:thickness

ratio being 100:10:1, Nix4 derives the following equation for the end displacement [45]

d =
λL2

hs

(4.2)

4the key here is that the film is no more than 1% the thickness of the substrate
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Figure 4.10: Hysterisis measurement of a 500 nm Co: 20wt%Ni film grown on nitride
(300K). Note that the remnant field is higher than the 15wt% sample. Also, the
saturation field is lower as is Ms.
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Figure 4.11: Hysterisis measurement of a 200 nm Co: 30wt%Ni film grown on nitride
(300K). Note that the hysteresis loop for this sample is quite square, in contrast to
the 15 wt% and 20 wt% Ni sample. Data points are included to show high remnant
field.
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Figure 4.12: Cantilever deflection setup. The cantilever is fixed at one end. Upon
magnetization the deflection (shown as the dashed line) due to the contraction of the
film can be measured.
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or for the case where strain is of interest

λ =
hsd

L2
. (4.3)

This is a very elegant solution because it is independent of the material properties

and gives the strain in the film as a function of three easily measurable parameters,

L, d, and hf . The cantilevers are fabricated by dicing up the substrates and then

chemomechanically polishing the substrates down to a thickness which can be handled

safely but is still thin enough to provide good deflection data. For example, the

substrates are polished from 500 µm to 50 µm using siton and hydrogen peroxide.

At this point it is instructive to estimate what the end deflection of a cantilever

would be assuming a strain of 10−5. Using a cantilever 25 mm long by 50 µm thick

gives an end displacement of 208 µm. This displacement can actually be seen by the

human eye.

With a displacement on the order of hundreds of µm, one can use an optics system

to measure. Figure 4.13 shows a schematic of the measurement setup. A long range

microscope is used to narrow the field of view down to 1 mm. A digital camera using

a pixel detector with pixel dimensions of 800x1200 gives a resolution of about 1 pixel

per µm of deflection. The 2X eyepiece includes a reticle which is used to measure the

deflection. The reticle can be calibrated by accurately measuring the thickness of the

cantilever. Figure 4.14 shows an image of a cantilever taken with the setup.
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Figure 4.13: Cantilver deflection measurement setup for magnetostriction measure-
ments. All components are ’non-magnetic’ (brass, stainless steel, delrin, and alu-
minum). Components are not to scale.

Figure 4.14: Digital image of a silicon cantilever in the magnetostriction measurement
apparatus . The cantilever is 0.1 mm thick.
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Chapter 5

Results and Conclusions

Although giant magnetostriction was the hoped for result, it was not found. However

there were other important results that came out this study. This chapter will include

a brief discussion of the cantilever measurements. More discussion will be given to

observations of microstructure and of a novel magnetoelastic measurement technique.

5.1 cantilever deflection measurement of magne-

tostriction

The cantilever deflection apparatus has been described previously in chapter four,

in addition to that information it is also useful to know what the magnetic environ-

ment was. The measurements were conducted using a Bruker electromagnet (non-

superconducting). The maximum field was 1.2 T and the field was uniform to within

10−4 T over a cylindrical volume of 50 mm diameter by 100 mm in length, which was

more than sufficient to provide uniform field conditions for the cantilevers.

The cantilever holder has two axes of rotation and the height could be adjusted,

thereby assuring a uniform field for any orientation of the film relative to the magnetic

field.
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5.1.1 experimental results

Cantilevers of all compositions were made and measured. The field was varied from

.005 T to 1.2 T in increments as small as .002 T and as large as 0.1 T. There was a

small deflection seen at lower fields but no significant deflection was seen until fields

which were many times higher than what was measured to saturate the films (in the

in-plane case).

One of the issues with the measurement technique was in ensuring that the film

was subject to a uniform orientation to the field. If the film is not uniformly oriented

to the field, the cantilever can experience a torque due to magnetic field. Since

the cantilevers were slightly curved because of intrinsic stress (due to mismatch in

coefficient of thermal expansion) the uniform condition was never met. Figure 5.1

illustrates this concept.
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Figure 5.1: At top, a parallel cantilever experiences no dipole torque due to the applied
field. When the cantilever is no longer parallel, a resolved perpendicular component
of the field leads to a variable load on the the cantilever (due to the dipole torque)
which causes an end deflection of the cantilever (due to the end constraint).

Figure 5.2 shows a typical result for a Co: 20 wt% Ni film. This data is for

a 500 nm thick film on nitride. The cantilever is 0.1 mm thick and 25 mm long.
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From magnetic measurements, the saturation value of magnetization for this film is

about 200 kA/m. To ensure the film went from a demagnetized state to a saturated

state, the cantilever was magnetized along its length (in-plane) and then the field was

reversed (or the cantilever rotated by 180 degrees).
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Figure 5.2: Magnetostriction measurement of a 25 mm long by 0.1 mm thick can-
tilever. The sign of the strain is negative because the cantilever was concave with the
films side in, meaning the strain was tensile. The dashed line shows the asymptotic
value of λip

s .

It is difficult to determine the exact contribution of a magnetic torque due to

non-parallel orientation of the cantilever, but I estimated this strain to be much less

than the magnetostriction (for fields less than 0.5 T). It is a good estimate to take the

value of strain at the saturating field as the magnetostrictive constant for the in-plane

configuration. Examining figure 5.2 yields a value of λin−plane
s of about −2 × 10−6

occurring at about 200 kA/m. This value is within reason, given the estimates in

chapter three, but clearly can be attributed to strictly magnetoelastic origins. In
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upcoming sections these values will be independently verified.

The data for the other compositions and film thicknesses gave comparable values

of in-plane magnetoelastic constants, with values for λin−plane
s ranging from −10−6 to

−10−5. All magnetostriction observed was negative in sign meaning a tensile strain.

5.2 microstructure and film morphology

The microstructure observed in the films was discussed in, but it bears more analysis.

Figures 5.3, 5.4, and 5.5 show field emission scanning electron micrographs of different

composition films on different substrates with different annealing conditions.

Figure 5.3 shows a 500 nm thick film grown on silicon nitride and annealed at

600 ◦C . Compare this to figure 5.4, which is a 200 nm film annealed at 450 ◦C . The

500 nm film annealed at higher temperature clearly shows a highly textured film,

which is to say the grains are wide and parallel to the substrate. The thinner film

annealed at lower temperature shows equaxial grains of fairly uniform size. While

Figure 5.3: 500 nm 20 wt% Ni film annealed at 600 ◦C .
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both films show a hexagonal character, the grains in figure 5.4 illustrate the trans-

formation process by the parallel bands visible on many grains. In the case of the

uniaxial grains, the grains are still textured {002}hcp with respect to the substrate,

however they are free to transform on more one close packed plane (as discussed in

chapter three). In the case of the film annealed at a higher temperature, which x-ray

diffraction indicates is also transformed, the flat plate-like morphology would seem

to indicate that the transformation takes place almost entirely on planes parallel to

the substrate.

I believe the difference in morphology is due to annealing conditions, either by

raising the homologous temperature giving rise to a different zone (growth mode), or

by providing better adhesion to the substrate. The film thickness probably does not

play a critical role in determining the morphology and microstructure. As evidence

Figure 5.4: 200 nm 20 wt% Ni film annealed at 450 ◦C . Not that the grains are
equiaxed and of relatively uniform size. The bands across the grains are transforma-
tion (or slip) planes.
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of this consider figure 5.5 which is a 50 nm thick film on oxide, annealed at 650 ◦C .

The grain size and shape are similar to the TEM images of the 50 nm film grown

in nitride in chapter four. It is interesting to note in these films is the fact that a

very thin, constrained film can still display the full range of bulk-like morphology.

Two interesting features are the grain with the parallel transformation bands (upper

left) and the large region of defected grains at top center, which is similar to optical

micrograph in chapter four.

Figure 5.5: 50 nm 30 wt% Ni film annealed at 650 ◦C . Note the large grain size
and textured morphology. At the upper left is a grain with two parallel transformation
bands. At top center is a distorted region, showing a similar morphology to bulk
samples.
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5.3 a novel magnetoelastic characterization tech-

nique

The cantilever measurement system is fairly straightforward in terms of relating de-

flection to strain, but the experimental procedure proved to be quite difficult. Al-

though the values obtained with the cantilever deflection setup are reasonable, it is

useful to have an additional method to corroborate the results.

Because the magnetic properties of Co-Ni alloys change when there is a phase

transformation [22]; one can measure the magnetization of a sample as it is being

cooled or strained and use this information to determine phase transformation pa-

rameters.

Early on in this research the in-plane magnetization was measured as a function of

temperature to see such an effect. Although no clear evidence of phase transformation

was seen, I noticed that the dependance of magnetization on temperature varied

in a predictable manner. I hypothesized that this variation in magnetization was

magnetoelastic in nature, and I began to search for a model to explain this effect.

The hypothesis I settled on was that a temperature dependent stress was present

due to the mismatch in the coefficient of thermal expansion (CTE) between the

substrate and film. Thus the key was to be able to relate the difference in CTE to a

stress, and then relate the stress to the magnetization.

The well known Stoner-Wohlfarth [25] model gives a relation between stress and

magnetization for a uniaxial material. A film can be treated as a uniaxial system if

the normal direction to the film is a hard axis and the in-plane direction is an isotropic

easy axis (or ’easy plane’). This condition can be met when the magnetocrystalline

anisotropy energy (in-plane) is less than the anisotropy energy due to magnetostatics

(also called ’shape anisotropy’).
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5.3.1 Application of the S-W model to Co-Ni thin films

For a {111} textured cubic film, the <111> direction (out of plane) is an easy axis

and has low anisotropy energy. For <112> type directions, the anisotropy is higher.

The difference between these two terms must be less than the shape anisotropy for a

thin film, µ0M2
s

2
. For Ni, this value, |u<111>

a | − |u<112>
a |, is about 103 J/m3.

For the hexagonal textured thin films the easy magnetocrystalline axis is also per-

pendicular to the film plane. However, cobalt has an magnetocrystalline anisotropy

energy of about 5× 105 J/m3. Since the measured saturation value of magnetization

for the alloys is around 105 A/m, then the shape anisotropy energy is about 105 J/m3

for the films. Thus, the magnetocrystalline anisotropy of any of the alloy films is less

than the value for pure cobalt if the easy axis of magnetization is in-plane. This is

supported by the magnetization curves in chapter four, although as the amount of

nickel increases the magnetization curves become less and less square. In fact, the 10

wt% Ni film has a saturation value of almost 100 kA/m which is a significant fraction

of Ha. This shows that the magnetocrystalline anisotropy energy is moving closer to

the value for pure cobalt.

If the hexagonal films and the highly textured cubic films can be treated as uni-

axial, the Stoner-Wolfarth model can be applied as a good approximation. Figure

5.6 illustrates the fundamental ideas of this problem. Essentially, one measures the

in-plane magnetization as a function of temperature. This data is then compared to a

theoretical model which is based on the Stoner-Wolfarth problem, and the saturation

value of magnetostriction is used as a fitting parameter.

Appendix B gives a complete derivation of the in-plane magnetic moment as a

function of applied stress. The result is (in MKS units),

M = MS

√

1 −
( µ0M2

s

6λsσ + 2µ0MsHa

)2
(5.1)
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Figure 5.6: At top, the film is relaxed and the in-plane magnetic moment is equal to the
saturation value of magnetization. At bottom, the film has been cooled and, because the
film is constrained by the substrate (the dashed rectangle shows what shape the relaxed
film would be), it experiences an effective positive tensile strain. This imposed strain
causes the magnetic moment to lie more and more out of plane (for a negative λs) as
strain is increased. This results in the measured in-plane magnetization decreasing.

where Ha is the field necessary to saturate the sample in the hard direction (perpen-

dicular to the film). The stress, σ, can be replaced by E, the elastic modulus, times

the imposed strain εi which is calculated from the mismatch in coefficient of thermal

expansion.

Although there is an intrinsic stress of about 10 MPa at room temperature, this

stress does not need to be included in the fit because we are only concerned with

changes in the stress (strain) state of the thin film.

5.3.2 Strain due to CTE mismatch

The value of strain due to CTE mismatch was tabulated as follows. First the differ-

ence in the CTE for silicon, and nickel (or cobalt)1 with temperature was measured

(figure 5.7). The curve was numerically integrated to obtain a cumulative strain as a

1cobalt and nickel have almost identical values of α
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Figure 5.7: Coeficient of thermal expansion for Si, Co, and Ni as a function of
temperature. Data taken from [46].

function of temperature (figure 5.8). This strain is such that it increases for decreas-

ing temperature (as one would expect). The cumulative strain data is then fed into

5.1 and that curve is fitted to M-T data taken with the SQUID by adjusting the value

of λs. Although it is probably more accurate to use a combination of CTE data for

SiO2 and silicon in calculations. However it makes very little difference because the

CTE for silicon is small and fairly constant and the variation of α with temperature

between 300 K and 0 K is essentially zero for SiO2. Also, note that the values for the

CTE of cobalt and nickel are very close in the temperature range of interest, thus it

is probably accurate to take the value of αNi or αCo for any of the alloys.

Two important facts about figure 5.7 and figure 5.8 should be mentioned. First,

the CTE data are asymptotic for T greater than 350 K. This means the model should

be give a concave-down curvature for larger values of λs. Also, the CTE data are

asymptotic toward 0 K. Secondly, the cumulative strain has a pronounced knee at
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Figure 5.8: The cumulative strain experienced by the film due to the difference in
CTE. The strain increases with decreasing temperature and is derived by numerically
integrating the αNi,Co(T ) − αSi(T ).
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Figure 5.9: In plane magnetization as a function of temperature for four different
composition films. The value of Mip is normalized to enchance the difference between
different compositions.

about 100 K and that should appear in all plots, as long as the value of α does not

stray from that of cobalt or nickel.

5.3.3 Results of uniaxial model

Equation 5.1 was fitted to films grown from all four alloy compositions. The model was

very accurate and small changes in anisotropy energy and magnetostriction changed

the fit to accommodate significant differences in data for different alloys.

Figure 5.9 shows the magnetization of four thin films as a function of temperature

between 0 and 300 K. The percent difference in Mip (the in-plane moment) increases

with increasing cobalt concentration. The films were 500 nm (except 30% which was

200 nm) and were grown on nitride substrates at 500 ◦C . The silicon substrates were

thinned down to 70 µm. The measurements were of the in-plane magnetization (in

zero applied field) after the film had been magnetized to saturation.

Figures 5.10, 5.11, 5.12, and 5.13, show the results of experimental values of in-
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Figure 5.10: Mip vs. T for Co: 10 wt%Ni film. Open circles are experimental data,
solid line is fit by equation 5.1.

plane magnetization versus temperature. As predicted in the previous section, all

data shows a pronounced knee at about 100 K and asymptotic behavior toward 0 K.

5.3.3.1 analysis

In fitting the data with equation 5.1 both the anisotropy (Ku) and the product of

in-plane magnetostriction and applied stress had to be varied. However, the value of

Ku was estimated from experimental data and the final parameter came close to the

estimated value.

For the alloys lower in nickel, the fit is not as accurate. This is due to the fact that

the model is less accurate because the value of magnetocrystalline anisotropy is close

to the shape anisotropy (µ0M2
s

2
). This is to be expected because as the nickel content

is decreased, the alloy becomes more and more similar hcp cobalt. Magnetically this
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Figure 5.11: Mip vs. T for Co: 15 wt%Ni film. Open circles are experimental data,
solid line is fit by equation 5.1.
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Figure 5.12: Mip vs. T for Co: 20 wt%Ni film. Open circles are experimental data,
solid line is fit by equation 5.1.
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Figure 5.13: Mip vs. T for Co: 30 wt%Ni film. Open circles are experimental data,
solid line is fit by equation 5.1. Note the downward concavity as predicted in the
previous section.

can be seen from the hysteresis data in chapter four. Although the curve matches the

data for the lower nickel content films, the inaccuracy arises from the fact that the

Mip does not match up with Ms. Again, this can be explained by the magnetic data;

in other words, at zero applied field the lower nickel content films have a remnant

magnetic field less than Ms.

As the nickel content increases, the fit becomes extremely accurate. This is a

testament to the simplicity of the model, because for the cubic films the estimate

value of magnetocrystalline anisotropy is about, 0.13Kcubic
1 + 0.17Kcubic

2 , which is

about 10 times less than the shape anisotropy energy (µ0M2
s

2
' 4×103J/m3) for cubic

(nickel rich films). Thus, the films with higher nickel content are very much close to

being uniaxial with an easy plane and hard axis than the cobalt rich films with an

easy magnetocrystalline axis perpendicular to the easy plane due to shape anisotropy.

By comparison, the magnetocrystalline anisotropy of cobalt rich alloys is about twice
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wt%Ni Ms (kA/m) Ku (J/m3) −λip
s

10 100 8 (×103) 7.2 (×10−7)
15 95 8.28 7.12
20 90 8.25 7.05
30 75 10.4 22.7

Table 5.1: Magnetoelastic data for Co-Ni thin films.

that of the more nickel rich alloys, but the shape anisotropy is only about 1/3 greater.

Table 5.1 summarizes the magnetoelastic values for the alloy films in this thesis

derived from the best fit to magnetization versus temperature data. A few comments

about this data are necessary: First, while the uniaxial anisotropy was a parameter,

a small change in Ku changed the fit dramatically; so while Ku was flexible, once a

value is chosen, the fit is fine-tuned only be changing λs. Secondly, since λip
s σ was a

parameter, a value of elastic modulus must be chosen in order to determine σ and

and thus λip
s . A value of 220 GPa was chosen, as this is close to the elastic modulus

for both cobalt and nickel. Even though the elastic modulus can change for thin films

(see e.g. [47]), the bulk value is within the accuracy of the measurement and the fit.

In support of the tabulated data, is the fact that the value of λip
s determined by

the fit is close to the value extrapolated from the cantilever measurement for a 500

nm Co: 20 wt%Ni film, this helps to validate the cantilever measurement technique

developed. Also, it should be pointed out that the value of λip
s for the 30 wt%Ni film

is very similar to the bulk value of polycrystalline nickel.

This model is remarkably successful despite many unique elastic properties of thin

films, and the fact that magnetocrystalline anisotropy can vary (even change sign)

with temperature for cobalt and nickel. The fact that these issues did not affect the

model significantly is because the films were polycrystalline (thus more bulk-like) and

that the shape anisotropy dominated the magnetocrystalline anisotropy.

One last interesting feature is that λip
s gets smaller with increasing Ni concentra-
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tion until the film switches to a cubic phase, then λip
s increases by a factor of four.

This is because the value of magnetostriction is very small in the basal plane for hcp

cobalt (when the applied field is in the basal plane).

5.4 conclusions and future work

Although the primary motivation of this thesis was the discovery and investigation

of giant magnetostriction, as is often the case the experiments done in this thesis

provided other interesting results, but not giant magnetostriction. Although the

films grown and the measurements undertaken were fairly complete, there are some

follow-up experiments worth considering.

5.4.1 future work

I feel the most interesting experiment to be done involves magnetic annealing. Figure

5.14 taken from [48] shows the results of annealing bulk Co-Ni alloys in modest (up to

8 kOe) magnetic fields. These results are interesting because of the relation between

anisotropy and magnetostriction. From my results, the magnetocrystalline anisotropy

has an interesting relationship with the magnetostriction. From table 5.1 one can see

that for hexagonal films the increasing magnetocrystalline anisotropy goes with an

increasing value of magnetostriction. It is interesting to investigate the effects of

increasing the magnetocrystalline anisotropy (thus decreasing the uniaxial, or total,

anisotropy).

In figure 5.14 the anisotropy follows a model developed by Neel that depends on

the entropy of mixing. Thus the maximum is reached at 50 % concentration of Ni in

Co. The value of magnetocrystalline anisotropy between about 65 % Co and 80 %

Co is not explained by the Neel model. The anomalous behavior of the anisotropy

in this composition would seem to indicate a strong coupling between structural
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Figure 5.14: Data showing the variation of induced magnetocrystalline anisotropy
with composition and applied field for Co-Ni alloys. Divide by 10 to get J/m3 from
erg/cm3
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and magnetic properties. Tanaka [49] shows that the grain structure of bulk Co-Ni

alloys (less than 35 wt%Ni) is very sensitive to magnetic annealing conditions, and

thus hypothesizes that the grain structure is the source of the anomalous induced

anisotropy.

In light of these papers, it would be worthwhile to investigate how magnetic an-

nealing affects the morphology, microstructure, and magnetoelastic properties of thin

film Co-Ni alloys.

5.4.2 conclusion

The work in this thesis provides a number of interesting and important results.

• Constrained Co-Ni thin films have phase transformation different from the bulk.

In particular, the constraint of the substrate tends to repress formation of the

hexagonal phase.

• Bulk martensite microstructure and morphology was present in films as thin

as 50 nm. This is an interesting result that suggests the thermodynamics of

martensitic transformations in Co-Ni do not depend on the volume of the spec-

imen, but depend only on other thermodynamic variables such as stress and

temperature.

• Magnetization measurements provide an accurate and simple way to resolve

the dominant phase of a Co-Ni thin film. X-ray diffraction is difficult to resolve

a single specimen, and works best when one has a range of compositions to

compare.

• A simple magnetoelastic measurement technique using optical recording and a

special process to fabricate cantilever specimens can be used to measure mag-

netostriction to a high degree of accuracy.
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• A simple uniaxial model based on the Stoner-Wolfarth model, provided an ex-

cellent fit to magnetization as a function of temperature. The parameters of the

model can be used to calculate the uniaxial anisotropy and the in-plane value

of magnetostriction.

Finally, values of magnetostriction were successfully measured (by the novel tech-

niques described above) for the range of Co-Ni alloys from 10 wt%Ni to 35 wt%Ni,

and it was found that no magnetic phase transformation was induced for the films in

consideration.
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Appendix A

Linear deformation using the

strain tensor representation

In this appendix the strain in an arbitrary direction will be calculated by projecting

a strain tensor onto a vector ~r0. This proof is for a cubic system with strain tensor

eij . The vector ~r0 makes cosines with the coordinate axes,

β1 =
x0

r0

; β2 =
y0

r0

; β3 =
z0

r0

. (A.1)

Thus, to calculate the strain r−r0/r0, note that on application of a stress, projecting

the strain tensor, eij , onto rx gives

x = x0(1 + e11) + e12y0 + e13z0 (A.2)

with similar results for the y and z components of ~r. Multiplying through by r0/r0

gives

x = r0(β1 + e1jβj) (A.3)
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where the index j implies sumation over j = 1, 2, 3. Now to find r, take

x2 = r0
2(β1

2 + 2e1jβjβ1 + e1j
2βj

2) (A.4)

with similar results for y2 and z2. Neglecting terms of order eij
2

r2 = r0
2(

1
︷ ︸︸ ︷

β1
2 + β2

2 + β3
2 +eijβiβj)

= r0
2(1 + eijβiβj) ⇒

r = r0

√

1 + eijβiβj (A.5)

where the sumation is now taken over i, j. Using the binomial expansion

(1 + x)a = 1 +
x

a
+ . . . ; x < 1

where we assume the product 2eijβiβj < 1 gives,

r = r0(1 + eijβiβj) ⇒
r − r0

r0

= eijβiβj . (A.6)

For eij real and Hermitian (e∗ij = e∗ji) we can rewrite the previous result as,

βieijβj =











β1e11β1 β1e12β2 β1e13β3

β2e21β1 β2e22β2 β2e23β3

β3e31βj β3e32β2 β3e33β3











=
∂l

l
=

∑

i

eiiβi
2βj +

∑

i<j

eijβiβj . (A.7)

Thus equation A.7 gives you the elastic strain in a cubic system for an arbitrary

direction, described by [β1, β2, β3], due to a strain eij .
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Appendix B

Stress dependence of ~Mip

The following is a derivation of the in-plane component of magnetization, as a func-

tion of stress, of a thin film. The stress is the result of an imposed strain due to

mismatch in the coefficient of thermal expansion (CTE) of the film and the sub-

strate. For the following derivation, Ms is the saturation value of magnetization, σ is

the applied stress, λs is the in-plane value of magnetostriction, and the angle between

the magnetic moment and the film normal is π
2
−θ. Figure B.1 shows the geometry of

the problem. The procedure is to write down and expression for the total magnetic

film

substrate

n̂

π
2
− θ

σa

~Mip < ~Ms

Figure B.1: At saturation the net magnetic moment is Ms. When λs is less than zero,
a positive tensile stress causes the magnetic moment to deviate from in-plane, thus
the measured in-plane moment, Mip is less than Ms.

energy, and then minimize as a function of θ and solve for the in-plane magnetization

(which is the experimentally measured quantity). For simplicity, Mip = Ms cos θ is
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written as M .

The Stoner-Wolfarth model gives the following values for magnetic energy [25]

The magnetostatic energy is

ums =
µ0M

2
s

2
sin θ. (B.1)

The magnetoelastic energy is

ume = −3

2
λsσa sin2 θ. (B.2)

The total magnetic anisotropy energy1 is

ua = −Ku cos2 θ. (B.3)

So the total energy is

utotal =
µ0M

2
s

2
sin θ − Ku cos2 θ − 3

2
λsσa sin2 θ (B.4)

and

∂utotal

∂θ
=

µ0M
2
s

2
cos θ − 2Ku cos θ sin θ − 3λsσa sin θ cos θ = 0 (B.5)

in equilibrium. With M ≡ Ms cos θ, cos θ = M/Ms and substituting

sin θ =
√

1 − cos2 θ =

√

1 −
( M

Ms

)

gives the result

M = MS

√

1 −
( µ0M2

s

4Ku + 6λsσa

)2
. (B.6)

In ideal uniaxial systems a further simplification can be made by substituting

1Ku is the uniaxial anisotropy coefficient (to first order) which is µ0MsHa

2
, where Ha is the field

needed to saturate the sample in the hard direction.
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Ku = µ0MsHa

2
to get

M = MS

√

1 −
( µ0M2

s

6λsσa + 2µ0MsHa

)2
. (B.7)

Equation B.7 is particularly useful, because one only needs to measure Ms and

Ha to apply this model and determine λs for a particular film.
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